Abstract: Evolution of secondary α phase during aging treatment of a novel near β titanium alloy Ti-6Mo-5V-3Al-2Fe(wt.%) was studied by OM, SEM, and TEM. Results indicated that size and distribution of secondary α phase were strongly affected by aging temperature and time. Athermal ω phase formed after super-transus solution treatment followed by water quenching, and promoted nucleation of needle-like intragranular α in subsequent aging process. When aged at 480 • C, fine scaled intragranular α with small inter-particle spacing precipitated within β grains and high ultimate tensile strength above 1500 MPa was achieved. When the aging temperature increased, the size and inter-particle spacing of intragranular α increased and made the strength reduce, but the ductility got improved. When aging temperature reached as high as 600 • C, ω phase disappeared and intragranular α coarsened obviously, resulting in serious decrease of strength. While mutually parallel Widmanstätten α laths formed at the vicinity of β grain boundaries and grew into the internal area of β grains, and significant improvement of ductility was achieved. As the aging time increased from 4 h to 16 h at 600 • C, the intragranular α grew slightly and brought about minor change of mechanical properties.
Introduction
Near β titanium alloys are considered as excellent alternatives to replace steels for structural applications in the aerospace industry due to their high specific strength, good corrosion resistance, and fatigue crack growth resistance [1] [2] [3] [4] [5] . For instance, the Ti-5Al-5Mo-5V-3Cr (Ti-5553) alloy and the Ti-10V-2Fe-3Al (Ti-1023) alloy have been applied on landing gear forgings for Airbus-350 and Boeing 777, respectively [6, 7] . The strength and ductility of near β titanium alloys are strongly influenced by size, morphology, and distribution of secondary α phase formed after aging treatment [8] . In general, three types of secondary α phase, in terms of precipitation sites, are commonly formed in near β titanium alloys, i.e., grain boundary α that precipitates on β grain boundaries, Widmanstätten α (α WGB ) that precipitates at vicinities of β grain boundaries and intragranular α that precipitates within β grains [9] . Near β titanium alloys possess extremely high strength due to precipitation of finely dispersed intragranular α precipitates [10] . However, the improvement of strength is usually accompanied by a decrease in ductility, resulting from unexpected microstructural characteristics, such as grain boundary α [11, 12] . Generally, an excellent combination of strength and ductility is strongly dependent on size, morphology, and distribution of secondary α phase [13] .
In recent years, significant efforts have been made to investigate the microstructure evolution of α phase during aging treatment in order to meet the requirement for high strength and acceptable ductility of near β titanium alloys. Ren et al. [14] investigated the effect of aging temperature on microstructure and mechanical properties of a novel near β titanium alloy Ti-5Al-3Mo-3V-2Cr-2Zr-1Nb-1Fe and assumed that intragranular α precipitates coarsened due to the increase of aging temperature. He et al. [15] studied the microstructural evolution of α precipitates during aging process of a commercial β titanium alloy β-CEZ (Ti-5Al-2Sn-4Zr-4Mo-2Cr-1Fe) using high-resolution transmission electron microscopy, and proposed that fine needle-like intragranular α with 5-10 nm in width formed as a result of ω-assisted nucleation. Ahmed et al. [16] reported various sizes and volume fractions of secondary α phase during aged at 500-725 • C in a commercial near β titanium alloy Ti-10V-2Fe-3Al. Hua et al. [17] reported that the α WGB appeared after being solution treated at 900 • C for 0.5 h followed by aging at 700 • C for 5 min in β titanium alloy Ti-7Mo-3Nb-3Cr-3Al. However, the effect of α WGB on mechanical properties was not discussed in their work.
Ti-6Mo-5V-3Al-2Fe (wt.%) alloy is a newly designed near β titanium alloy according to the molybdenum equivalence ([Mo] eq ) and d-electron theory. As a newly designed alloy, the effect of aging treatment on microstructure and mechanical properties of the alloy had not been investigated by far. The present work is to investigate microstructural characteristics of secondary α phase in the alloy, in terms of aging treatment at temperature from 480 • C to 600 • C for a wide time range from 4 h to 16 h. The objective is to understand the effect of aging temperature and time on microstructural evolution. In addition, the mechanical properties of the aged alloys were evaluated by tensile test to study the role of microstructural evolution of secondary α phase in affecting mechanical properties. The results of present work could provide meaningful references for improving mechanical properties of Ti-6Mo-5V-3Al-2Fe alloy, which is expected to show potential for high-strength structural applications in the aerospace industry.
Materials and Methods

Alloy Design
According to the d-electron theory, suitable stability of β phase after quenching can be achieved by tailoring the Bo and Md parameters, in terms of the Morinaga's phase stability Bo−Md diagram [18] . Many β titanium alloys with excellent mechanical properties have been designed based on the d-electron theory, such as Ti-8.5Cr-1.5Sn (wt.%) alloy with extra high strain-hardening rate and Ti-6Cr-4Mo-2Al-2Sn-1Zr (wt.%) alloy with high product of strength and elongation of 42.6 GPa% [19, 20] . Ti-6Mo-5V-3Al-2Fe alloy was designed, based on the d-electron theory. After deliberating Bo and Md parameters of every element, the isomorphous Mo and V and eutectoid Fe were used for stabilizing β phase. The powerful β-stabilizer Fe and relatively high Mo contents were added in order to reduce the expensive V cost. Besides, the α-stabilizer element Al was added to reduce the stability of β phase, in order to promote aging precipitation. In addition, the contents of Mo, V, Al and Fe were carefully optimized for tailoring the alloy's position in the Bo−Md diagram. With regard to the designed alloy, values of Bo and Md are about 2.777 and 2.366, respectively. According to Bo−Md diagram, the position of designed alloy was located outside the martensite region and closed to the border of β titanium alloy region as shown in Figure 1 . In addition, corresponding position is located closely to the conventional high strength metastable/near β titanium alloys, such as Ti-1023, BT22 and β-21S [14, 21] .
Conventionally, [Mo] eq was used to design titanium alloys. For β titanium alloys, it is known that a suitable value of [Mo] eq is required to achieved high strength, which is normally around 8-14 [22] . The [Mo] eq is defined as the sum of the weighted averages of elements present in a titanium alloy and usually used to quantify the stability of β phase. According to the Equation (1), the [Mo]eq of designed alloy is 12.15, which belongs to near β titanium alloy and falls into the high-strength range around 8-14. According to the d-electron theory and [Mo]eq, it can be predicted that low stability of β phase after quenching, which is beneficial to aging precipitation can be obtained and high strength, can be expected. 
Alloy Preparation
Sponge Ti, pure Mo, pure Al, pure Fe and V-Al master alloy were used to prepare the alloy ingot. Raw materials were melted twice by vacuum arc remelting to ensure chemical homogeneity. The β-transus temperature of the alloy verified by metallographic method is 815 °C ± 5 °C. The ingot with 120 mm in diameter and 200 mm in length was first forged to plate with 100mm in width and 30 mm in thickness. The plate was soaked in β field and then through multi-pass hot rolled into plate with 6 mm in thickness followed by air cooling. The as-rolled alloy was super-transus solution-treated followed by water cooling. Then, the as-quenched alloy was aged at various temperatures and times, all ended by air cooling. Detailed parameters of the heat treatment are shown in Figure 2 . Two kinds of modified kroll's reagent (10 mL HF + 30 mL HNO3 + 50 mL H2O and 10 mL HF + 30 mL HNO3 + 80 mL H2O) were adopted to reveal the microstructures of the quenched and aged alloys. The microstructures were characterized by optical microscope (OM, Zeiss AXIO Observer.A1m, Carl Zeiss AG, Jena, Germany), scanning electron microscopy (SEM, Hitachi Su8010, Hitachi, Tokyo, Japan)) and transmission electron microscopy (TEM, JEOL Jem-2100, JEOL, Tokyo, Japan)). TEM samples were cut in the center of the aged specimens by electric sparking. Then, TEM samples were manually ground to 50 μm and twin-jet electropolished in a solution (6 vol.% perchloric acid, 35 vol.% n-butyl alcohol and 59 vol.% methanol) at −20 °C. Mechanical properties 
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Observations of intragranular α were carried out on TEM, in order to further understand the evolution of intragranular α that affected by aging temperature. Figure 6 shows TEM micrographs of the alloy aged at 480-600 • C for 4 h, in which denser dispersion of intragranular α with high aspect ratios are presented. The increase of aging temperature induced the growth of intragranular α, while coarser α precipitates gave rise to broader inter-particle spacing. Meanwhile, it is worthy of notice that coarsening of intragranular α precipitated at 600 • C was obviously greater than that at lower aging temperatures. Figure 7 shows the TEM micrographs of intragranular α in the alloy aged at 600 °C for 8 h and 16 h. In comparison with Figure 6d , it seemed that intragranular α kept coarsening while its inter-particle spacing increased as the result of prolonged aging at 600 °C. However, the growth of intragranular α and their inter-particle spacing were not very obviously observed. 
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Averaged width and inter-particle spacing of intragranular α was quantitatively calculated, as shown in Table 1 . Intragranular α formed after aging at 480 • C exhibited smaller size (~67 nm in width) and inter-particle spacing (~79 nm) than that being aged at higher temperatures ranging from 480 • C to 600 • C. The precipitation of more and fine α phase at lower aging temperature from 480 • C to 600 • C can be attributed to the two following reasons. On the one hand, for near β titanium alloys, some kinds of precursors can form before aging treatment and assist the nucleation of secondary α phase during aging treatment. One of the possible precursors is the ω phase, which can form after solution treatment followed by water quenching [24] . Figure 8a ,b shows the dark-field TEM image and selected-area diffraction patterns from β matrix of the as-quenched alloy, respectively. The selected-area diffraction patterns were indexed according to [113] zone axis of β phase. Additional quite weaker spots were visible at the 1/3 (121) and 2/3 (121) positions of the β reflection. These additional spots were referred to as the ω phase in β titanium alloy Ti-2Al-9.2Mo-2Fe [25] . The presence of these additional spots was direct evidence of ω precipitates within the β matrix of the as-quenched alloy. Such ω phase formed during quenching was called athermal ω phase, which appeared in many near β titanium alloy [15, 26] . Lots of studies have reported that ω phase could assist the nucleation of α phase during aging treatment in near β titanium alloy [27] [28] [29] . The work of Dong et al. has demonstrated that the ω phase serves as the preferred site for nucleation of α phase and ω/β interface provides a profitable channel for the evolution of α phase during the heating process [30] . Therefore, it can be assumed that the ω phase formed after quenching could induce the nucleation of intragranular α and promote the uniform distribution during aging treatment in the current alloy. On the other hand, for near β titanium alloys, the transformation driving force will be the dominating factor for precipitation [31] . Lower aging temperature provided a higher undercooling degree and brought about larger transformation driving force and higher nucleation rate. Furthermore, the elements diffusion rate decreased with the aging temperature, resulting in slower growing rate of intragranular α. Therefore, the ω-assisted nucleation, high nucleation rate and slow growth rate of intragranular α all contributed to the formation of finely and dispersed intragranular α at 480 • C. assist the nucleation of α phase during aging treatment in near β titanium alloy [27] [28] [29] . The work of Dong et al. has demonstrated that the ω phase serves as the preferred site for nucleation of α phase and ω/β interface provides a profitable channel for the evolution of α phase during the heating process [30] . Therefore, it can be assumed that the ω phase formed after quenching could induce the nucleation of intragranular α and promote the uniform distribution during aging treatment in the current alloy. On the other hand, for near β titanium alloys, the transformation driving force will be the dominating factor for precipitation [31] . Lower aging temperature provided a higher undercooling degree and brought about larger transformation driving force and higher nucleation rate. Furthermore, the elements diffusion rate decreased with the aging temperature, resulting in slower growing rate of intragranular α. Therefore, the ω-assisted nucleation, high nucleation rate and slow growth rate of intragranular α all contributed to the formation of finely and dispersed intragranular α at 480 °C. The higher aging temperature could provide larger driving force for the intragranular α growth but reduced the nucleation driving force due to the lower undercooling, so that coarse intragranular α phase precipitated accordingly. The precipitation of α phase formed a region with enriched β-stabilizer near the precipitates due to its low tolerance of β-stabilizers. In such region, the precipitation was difficult due to its high stability. So coarser intragranular α precipitates gave rise to broader β-stabilizer enriched region i.e., the inter-particle spacing of intragranular α. As a result, averaged width and inter-particle spacing of intragranular αincreased with the aging temperature.
It is worthy of notice that intragranular α phase grew noticeably after aging at 600 °C than that aged at other temperatures. This trend can be attributed to the disappearance of ω phase. Figure 9 shows the TEM micrograph of the alloy aged at 600 °C for 4 h. The inset of corresponding electron diffraction pattern indicated that there was no spots of ω phase, suggesting that ω phase disappeared after aged at 600 °C for sufficient time. The similar phenomenon has occurred in other β titanium alloys, such as Ti-7Mo-3Nb-3Cr-3Al alloy [30] and Ti-2Al-9.2Mo-2Fe alloy [25] . Their TEM observations indicated that the ω phase disappeared after being heated to 600 °C due to its metastable feature at high temperature. The disappearance of ω phase led to decreased concentration of β-stabilizers in residual β phase owing to its low tolerance of β-stabilizers [32] . Therefore, when aging temperature reached as high as 600 °C, as a result of high growth rate and low nucleation rate of α phase caused by high temperature, low stability of residual β phase tended The higher aging temperature could provide larger driving force for the intragranular α growth but reduced the nucleation driving force due to the lower undercooling, so that coarse intragranular α phase precipitated accordingly. The precipitation of α phase formed a region with enriched β-stabilizer near the precipitates due to its low tolerance of β-stabilizers. In such region, the precipitation was difficult due to its high stability. So coarser intragranular α precipitates gave rise to broader β-stabilizer enriched region i.e., the inter-particle spacing of intragranular α. As a result, averaged width and inter-particle spacing of intragranular αincreased with the aging temperature.
It is worthy of notice that intragranular α phase grew noticeably after aging at 600 • C than that aged at other temperatures. This trend can be attributed to the disappearance of ω phase. Figure 9 shows the TEM micrograph of the alloy aged at 600 • C for 4 h. The inset of corresponding electron diffraction pattern indicated that there was no spots of ω phase, suggesting that ω phase disappeared after aged at 600 • C for sufficient time. The similar phenomenon has occurred in other β titanium alloys, such as Ti-7Mo-3Nb-3Cr-3Al alloy [30] and Ti-2Al-9.2Mo-2Fe alloy [25] . Their TEM observations indicated that the ω phase disappeared after being heated to 600 • C due to its metastable feature at high temperature. The disappearance of ω phase led to decreased concentration of β-stabilizers in residual β phase owing to its low tolerance of β-stabilizers [32] . Therefore, when aging temperature reached as high as 600 • C, as a result of high growth rate and low nucleation rate of α phase caused by high temperature, low stability of residual β phase tended to form coarser intragranular α. Materials 2018, 11, x FOR PEER REVIEW 8 of 12 Figure 9 . TEM micrograph of the alloy aged at 600 °C for 4 h and corresponding electron diffraction pattern.
Furthermore, according to Table 1 , when aged at 600 °C, the increase of aging time resulted in slight growth of intragranular α. This trend can be ascribed to fast aging response at high temperature. At the beginning of aging treatment, the concentration of β-stabilizers in β matrix was low so that intragranular α phase grew considerably fast. Due to the high diffusion rate caused by high temperature, the intragranular α had grown sufficiently and surrounded by the region riched of β-stabilizer, consequently, the growth rate of intragranular α declined to the equilibrium state.
Evolution of Secondary α Phase near β Grain Boundary
When the heating temperature entering the α + β regime, the continuous grain boundary α formed preferentially due to the supply of nucleation sites by β grain boundaries consisting of large amount of defects [33] . Meanwhile, the alloying elements of β-stabilizer, particularly Mo, which is a slow-diffusing element, got enriched at the vicinity of β phase [34] . Such region was so chemically stable so that precipitation could not happen easily. With the increase of aging temperature, high temperature would enhance the diffusion of β-stabilizer, resulting in decrease of stability of the region near the β grain boundaries. When temperature reached critical value, the precipitation could get sufficient driving force. However, the distribution of precipitates near the β grain boundaries was different from that within the β grains. For the precipitation occurring within β grains, dislocations and precursors could exist as the nucleation sites, which promote the heterogeneous nucleation and made the secondary α phase irregularly distribute [35] . For the precipitation occurring near β grain boundaries, the nucleation sites would be mainly provided by continuous grain boundary α so that the precipitates distributed homogeneously. As a result, when aging temperature reached as high as 600 °C, the mutually parallel WGB α formed on grain boundaries and grew into β grains interior.
Effect of Secondary α Phase on Tensile Properties
In an attempt to better understand the effect of secondary α phase on the mechanical properties, tensile test was performed. Experimental results of tensile test, such as yield strength (YS) ultimate tensile strength (UTS) and elongation (EL), were shown in Figure 10a ,c. Varied value of averaged width and inter-particle spacing of intragranular α after aging treatment were shown in Figure  10b ,d.
Compared with the alloy aged at higher temperatures, smaller size and inter-particle spacing of intragranular α formed in the alloy aged at 480 °C provided more α/β interfaces, which acted as effective dislocation barriers [14] . In addition, the ω phase dispersed in β matrix strengthened the alloy effectively. Hence, as shown in Figure 10a , the alloy aged at 480 °C exhibited an excellent strength of 1510 MPa in UTS. However, the grain boundary α was relatively softer compared with the aging-hardened β matrix and had negative effect on ductility, because of its poor crack propagation resistance. In addition, the occurrence of ω phase could lead to a significant decrease in Furthermore, according to Table 1 , when aged at 600 • C, the increase of aging time resulted in slight growth of intragranular α. This trend can be ascribed to fast aging response at high temperature. At the beginning of aging treatment, the concentration of β-stabilizers in β matrix was low so that intragranular α phase grew considerably fast. Due to the high diffusion rate caused by high temperature, the intragranular α had grown sufficiently and surrounded by the region riched of β-stabilizer, consequently, the growth rate of intragranular α declined to the equilibrium state.
Evolution of Secondary α Phase near β Grain Boundary
When the heating temperature entering the α + β regime, the continuous grain boundary α formed preferentially due to the supply of nucleation sites by β grain boundaries consisting of large amount of defects [33] . Meanwhile, the alloying elements of β-stabilizer, particularly Mo, which is a slow-diffusing element, got enriched at the vicinity of β phase [34] . Such region was so chemically stable so that precipitation could not happen easily. With the increase of aging temperature, high temperature would enhance the diffusion of β-stabilizer, resulting in decrease of stability of the region near the β grain boundaries. When temperature reached critical value, the precipitation could get sufficient driving force. However, the distribution of precipitates near the β grain boundaries was different from that within the β grains. For the precipitation occurring within β grains, dislocations and precursors could exist as the nucleation sites, which promote the heterogeneous nucleation and made the secondary α phase irregularly distribute [35] . For the precipitation occurring near β grain boundaries, the nucleation sites would be mainly provided by continuous grain boundary α so that the precipitates distributed homogeneously. As a result, when aging temperature reached as high as 600 • C, the mutually parallel α WGB formed on grain boundaries and grew into β grains interior.
Effect of Secondary α Phase on Tensile Properties
In an attempt to better understand the effect of secondary α phase on the mechanical properties, tensile test was performed. Experimental results of tensile test, such as yield strength (YS) ultimate tensile strength (UTS) and elongation (EL), were shown in Figure 10a ,c. Varied value of averaged width and inter-particle spacing of intragranular α after aging treatment were shown in Figure 10b ,d.
Compared with the alloy aged at higher temperatures, smaller size and inter-particle spacing of intragranular α formed in the alloy aged at 480 • C provided more α/β interfaces, which acted as effective dislocation barriers [14] . In addition, the ω phase dispersed in β matrix strengthened the alloy effectively. Hence, as shown in Figure 10a , the alloy aged at 480 • C exhibited an excellent strength of 1510 MPa in UTS. However, the grain boundary α was relatively softer compared with the aging-hardened β matrix and had negative effect on ductility, because of its poor crack propagation resistance. In addition, the occurrence of ω phase could lead to a significant decrease in ductility due to its considerable brittleness [36] . Therefore, as shown in Figure 10a , the alloy aged at 480 • C exhibited a poor ductility of 4.2% in EL.
Materials 2018, 11, x FOR PEER REVIEW 9 of 12 ductility due to its considerable brittleness [36] . Therefore, as shown in Figure 10a , the alloy aged at 480 °C exhibited a poor ductility of 4.2% in EL. The influence of α phase on the yield strength of β titanium alloy can be expressed by the following equation [37] :
where, σy is the yield strength of β titanium alloy, lp is the inter-particle spacing of primary α phase, ls is the inter-particle spacing of secondary α phase, Kp and Ks are constants with respect to Taylor factor. As indicated in Equation (2), the alloy strength decreased with the increase of inter-particle spacing among secondary α phases. According to Figure 10a ,b, when aging temperature increased from 480 °C to 560 °C, the minor decrease of strength could be ascribed to the minor increase of inter-particle spacing of intragranular α. Meanwhile, such minor increase of inter-particle spacing of intragranular α resulted in minor increase of slip distance for dislocation movement, and exhibited the limited improvement of ductility. This trend of strength and ductility variation also occurred in other near β titanium alloys, such as Ti-3.5Al-5Mo-6V-3Cr-2Sn-0.5Fe (wt.%) alloy and Ti-3.5Al-5Mo-4V-2Cr-1Fe-2Zr -2Sn-0.1B (wt.%) alloy [38, 39] . When aged temperature reached as high as 600 °C, the strength decreased significantly and the averaged width and inter-particle spacing of intragranular α increased greatly. It can be deduced that the alloy strength is mainly determined by size and quantity of intragranular α. However, because of the formation of WGB α , the crack occurred not only at grain boundary α/β interface but also at WGB α /β interface. Therefore, the WGB α deflected the crack propagation direction and resulted in the improvement of ductility. In The influence of α phase on the yield strength of β titanium alloy can be expressed by the following equation [37] :
where, σ y is the yield strength of β titanium alloy, l p is the inter-particle spacing of primary α phase, l s is the inter-particle spacing of secondary α phase, K p and K s are constants with respect to Taylor factor. As indicated in Equation (2), the alloy strength decreased with the increase of inter-particle spacing among secondary α phases. According to Figure 10a ,b, when aging temperature increased from 480 • C to 560 • C, the minor decrease of strength could be ascribed to the minor increase of inter-particle spacing of intragranular α. Meanwhile, such minor increase of inter-particle spacing of intragranular α resulted in minor increase of slip distance for dislocation movement, and exhibited the limited improvement of ductility. This trend of strength and ductility variation also occurred in other near β titanium alloys, such as Ti-3.5Al-5Mo-6V-3Cr-2Sn-0.5Fe (wt.%) alloy and Ti-3.5Al-5Mo-4V-2Cr-1Fe-2Zr -2Sn-0.1B (wt.%) alloy [38, 39] . When aged temperature reached as high as 600 • C, the strength decreased significantly and the averaged width and inter-particle spacing of intragranular α increased greatly. It can be deduced that the alloy strength is mainly determined by size and quantity of intragranular α. However, because of the formation of α WGB , the crack occurred not only at grain boundary α/β interface but also at α WGB /β interface. Therefore, the α WGB deflected the crack propagation direction and resulted in the improvement of ductility. In addition, the broad inter-particle spacing of intragranular α further enhanced the ductility. According to Figure 10c ,d, with the increase of aging time, minor change in tensile properties could be related to the minor variation of averaged width and inter-particle spacing of intragranular α.
Conclusions
A near β titanium alloy Ti-6Mo-5V-3Al-2Fe was newly developed. The evolution of secondary α phase influenced by aging temperature and aging time was investigated; the relationship between secondary α phase on mechanical properties was discussed. The following conclusions can be drawn from the present investigation.
(1) The athermal ω phase formed after water quenching and disappeared after aged at 600 • C. The ω phase assisted the nucleation of intragranular α phase during aging treatment. (2) When aged at 480 • C, fine intragranular α precipitated because of the synergetic contribution of ω-assisted nucleation, high nucleation rate and slow growth rate. The width and inter-particle spacing of intragranular α increased slightly as the aging temperature increased from 480 • C to 560 • C, but increased considerably when the aging temperature reached as high as 600 • C. (3) When aged at 600 • C, the size and quantity of intragranular α were not sensitive to the aging time ranging from 4 h to 16 h. After aged at 600 • C, the mutually parallel α WGB formed on grain boundary α and grew into the internal areas of β grains. (3) The alloy aged at 480 • C exhibited high strength but poor ductility, with the UTS and EL are 1510 MPa and 4.2%, respectively. As the aging temperature increased to 560 • C, the minor variation of intragranular α led to slight decrease of strength and minor improvement of ductility. When aging temperature reached 600 • C, the strength decreased seriously but ductility improved dramatically, resulting from boarder inter-particle spacing of intragranular α and the formation of α WGB .
